Abstract In memory of John Stringer (1934Stringer ( -2014, one of the leaders in studying the reactive element (RE) effects, this paper reviews the current status of understanding of the effect of RE dopants on high-temperature oxidation behavior, with an emphasis on recent research related to deploying alumina-forming alloys and coatings with optimal performance in commercial systems. In addition to the wellknown interaction between indigenous sulfur and RE additions, effects have been observed with C, N, and O found in commercial alloys and coatings. While there are many similarities between alumina-forming alloys and coatings, the latter bring additional complicating factors such as the effects of O incorporation during thermal spraying MCrAlY coatings, coating roughness, and heat treatments that must be considered in optimizing the beneficial dopant addition. Analogies can be seen between RE effects in alloys and in the substrates beneath diffusion M-Al coatings. Recently, there has been more interest in the influence of mixed oxidant environments, since these may modify the manifestation of the RE effect. Finally, some thoughts are provided on optimizing the RE benefit and modeling oxidation of REdoped alloys.
Introduction
John Stringer (1934 Stringer ( -2014 was credited with coining the term ''reactive element'' (RE) effect to replace ''rare earth'' effect to better capture the beneficial effect of oxygen-active additions such as Y, La, Ce, and Hf on high-temperature oxidation. John often referred to the ''magic dust'' and defining the RE effect was a key research topic [1] [2] [3] [4] [5] [6] [7] [8] [9] throughout his impressive career, during which he also contributed to the understanding of refractory metal oxidation [10] , growth stresses [11, 12] , hot corrosion [13, 14] , coatings [15, 16] , steamside scale exfoliation [17] , and the ''third'' element effect [18] . During his 27 years at EPRI, he was a pundit on the future needs of the power generation industry [19] [20] [21] , and a strong proponent of the strategic use of funding to ensure that pertinent topics were incorporated into ongoing and planned materials research programs at both the national and international level. A highlight of these efforts included the inception (with Prof. Roland Streiff of the Université de Provence) of the Les Embiez Symposia (now called the International Symposium on High-Temperature Corrosion and Protection of Materials) to promote international interaction in the study and understanding of high-temperature corrosion, which is held every 4 years.
John's interest in RE effects was sparked during a summer sabbatical in 1971 at the Battelle Memorial Institute in Columbus, OH, when alloys containing dispersions of ThO 2 and Y 2 O 3 were being considered for the heat shield of the U.S. space shuttle [22] . He continued to work on this topic after returning to the University of Liverpool, and the 1980 Whittle and Stringer RE effect review [4] was a landmark publication in the progress toward understanding the benefit of RE dopants, which were first patented by Pfeil et al. [23, 24] for chromia-forming alloys. Today, almost 80 years after their discovery, RE dopants are ubiquitous in high-temperature alumina-forming alloys and coatings and the highest performance chromia-forming alloys [25] . Since 1980 [4] , considerable progress has been made in understanding the RE effect mechanisms, particularly with respect to (1) improving scale adhesion and the interactions between RE additions and indigenous sulfur and (2) changing the scale growth mechanism and the RE incorporation (as ions and oxide precipitates) into the scale [26] .
In memory of John Stringer, this paper reviews recent developments in the understanding of the RE effect on the oxidation behavior of high-temperature alumina-forming alloys and coatings. Over the past 15 years, there has been increased focus on practical applications of RE dopants in alloys and coatings. Unlike previous work on model alloys and small laboratory coupons, results from commercial alloys and coatings made by industrial manufacturing processes have provided additional insight into the RE effect when other parameters are considered such as other alloying elements and impurities, heat treatment procedures, surface conditions, and geometric factors. An initial brief overview of the RE effect on alumina scale microstructure, growth kinetics, and adherence is provided followed by sections in which recent advancements in deploying/understanding and modeling RE effects in alumina-forming alloys and coating systems are addressed including FeCrAl alloys, intermetallics (FeAl and NiAl), MCrAlY overlay coatings, and bond coatings for thermal barrier coating (TBC) systems.
RE Effect on Alumina Formers: Overview and Literature Review of Mechanisms General Remarks
Only a brief summary of the RE effect is provided here, since more extensive reviews have been previously written that provide additional background on this complex subject [4, 6, [26] [27] [28] [29] . The RE effect can be summarized primarily by effects on scale adhesion, growth, and microstructure. The Whittle and Stringer review of 1980 [4] listed more RE effects (mainly referring to chromia-forming alloys):
• improved selective oxidation and faster scale nucleation • reduction in scale growth rate • change in the scale growth mechanism from metal to predominant oxygen diffusion • suppression of void formation at the scale/alloy interface • improved scale adherence
The majority of these effects were confirmed in later studies. However, improved selective oxidation was later found to be mainly related to RE-induced changes in the alloy grain size. Thus, for example, Fe-Al alloys with oxide dispersions of Al 2 O 3 and Y 2 O 3 have the same critical Al content to form a protective scale [30] and surface modifications (i.e., surface RE oxide coatings and RE ion implantation) do not change selective oxidation of Cr in M-Cr alloys [9] .
Effect of RE's on Oxide Scale Growth Mechanisms and Microstructure
Less than 20 years ago, it was still widely accepted that RE additions only changed the scale growth rate in chromia-forming alloys. However, it is now recognized that optimized RE additions in both alumina-and chromia-forming systems can reduce the scale growth rate. Since a-Al 2 O 3 scales inherently grow relatively slowly, adding high levels of dopants in metallic form leads to excessive internal oxidation, which then overshadows any potential reduction in the scale growth rate. In chromia-forming alloys, cation size is a fairly good indicator of RE efficacy with larger ions tending to produce the slowest growth rate [26] . In alumina-forming alloys, this relationship is more complicated with small ions still having little or no effect but larger ions not following a clear trend [31] . Studies of dopant effects in high-purity bulk alumina have helped explain this complication related to grain boundary structure and segregation [32] .
In both alumina and chromia scales, grain boundary segregation of RE ions is key to changing the transport mechanism, thereby reducing the scale growth rate.
Oxid Met (2016) 86:1- 43 3 Initially proposed by Ecer and Meier [29] , interfacial segregation in scales was experimentally observed many times in the 1980s with the advent of high-resolution analytical transmission electron microscopes (TEM) and particularly scanning transmission electron microscopes. Initial conclusions that some elements did not segregatie, especially in chromia grain boundaries, were due to lack of TEM spatial resolution [28] . Eventually it was realized that all the dopants known to affect growth in alumina that were analyzed did in fact segregate to the alumina grain boundaries [31] . With the advent of the focused ion beam milling for producing TEM specimens, observation of segregation including the metal-scale interface is now routine in RE-doped scales [28, 31, 33] , and the newest analytical microscopes (e.g., FEI Talos) allow segregation to be detected on numerous boundaries across the entire scale cross-section [34] . Unlike chromia-formers where there is a significant change from primarily Cr transport outward to predominantly O transport inward (clearly observed using 18 O tracers [35, 36] ), the RE effect on scale growth rate is more subtle in alumina scales where the growth changes from mixed Al-O transport to predominantly (but not entirely [37] ) O transport inward [36, 38, 39] . As in bulk ceramics, cation segregation inhibits grain growth resulting in a finer scale grain size with RE doping, and the predominant O transport leads to columnar grain growth with a strong texture [40] [41] [42] , as will be further illustrated in the following sections.
One unusual result that remains to be fully explained is the large effect of Hfdoping on alumina scale growth [26, [43] [44] [45] [46] [47] [48] [49] with a *10X reduction in the parabolic rate constant, compared to 2-4X k p reduction for Y or other dopants. A 2X reduction could be explained by an inhibition of Al transport by Y [38] . The larger reduction implies that Hf segregation affects both anion and cation transport. In chromia-formers, the lower cation size of Hf does not affect the scale growth rate as strongly as larger dopants [26] . Also, other dopants with a high atomic number like La do not show the same effect on alumina scale growth as Hf [31] .
Recent work has suggested new interpretations of alumina scale growth in terms of oxygen potential-dependent grain boundary defect chemistry [50, 51] . The derivation is based on the studies of bulk ceramics under an artificial oxygen potential gradient [52] , where Hf was shown to behave differently to other RE's, such as Lu. Although many parallels may be drawn between these diffusion experiments and thermally grown scales, it remains to be seen to what extent these systems are comparable. For instance, the diffusion experiments [52] were performed at very high temperatures (1600°to 1700°C) and have lower oxygen potential gradients [52] than those across the micrometer thin alumina scales with a very low oxygen activity prevailing at the metal-scale interface (set by the Al/Al 2 O 3 equilibrium). The ceramic membrane studies [52] showed that Lu suppressed O diffusion and not Al diffusion and Hf only suppressed Al diffusion, which is not fully consistent with observations in alumina scales. Moreover, the new studies [50] [51] [52] do not take into account the dynamic aspect of segregation in the alumina scales [28] , where the segregated ions have been observed clearly to be diffusing from the metal to the gas interface during oxidation. Thus, further studies are needed to connect these newer observations to the current understanding of various RE effect aspects.
Effect of RE's on Scale Adherence
It is clear today that impurities and interfacial segregation are key components to understanding the role of RE dopants on scale adhesion, likely due to their role in affecting interface strength and the formation of interfacial defects, which effectively reduce the strength of the interface. Beginning with the work of Ikeda [53] on stainless steels, some of the early controversy about the location and extent of S segregation was eliminated by careful interfacial characterization of the segregating species. Auger spectroscopy showed that S segregated to both intact metal-oxide interfaces and at interfacial voids that are commonly observed on undoped systems [7, [54] [55] [56] . Besides S, other elements such as Na and Ca have been suggested to play a role [57] but the evidence is less compelling and has not been clearly reproduced [58] . It has been periodically suggested that sulfur can explain all adhesion issues [59] but the reality is that de-sulfurized undoped alloys do not perform as well as RE-doped alloys [60] . As an example for Ni-base superalloys, the second generation single crystal superalloy PWA1484 contains only Hf, but the alloy developed for operation without a bond coating, PWA1487, contains Hf and Y leading to a more adherent alumina scale on the bare superalloy [61] . The most likely explanation for that observation is that RE additions do not merely getter S (if that mechanism is relevant), but also RE segregation at the metal-scale interface is affecting the interface strength. One issue with characterizing these interfaces is that interfaces from which the external scale has spalled are typically analyzed by surface sensitive techniques such as Auger spectroscopy, while RE-doped interfaces are difficult to fracture and analyze by the same technique. Likewise, poorly adherent oxides are difficult to section for TEM characterization, while RE-doped interfaces are relatively easy to prepare and characterize in cross-section by TEM.
Returning for a moment to S gettering by an RE addition, this mechanism is commonly suggested as the main RE-S interaction where the RE addition prevents S segregation at the metal-scale interface by tying up S in stable compounds [62, 63] . However, the presence of RE-S precipitates does not prove that they are necessary for good alumina scale adhesion. Furthermore, in oxide dispersion-strengthened (ODS) FeCrAl alloys, good scale adhesion is observed but there has been no evidence of S gettering by the precipitates despite extensive efforts to locate oxysulfide formation or the segregation of S to the alloy/dispersoid interface [28] . On the other hand, indications for oxy-sulfide formation could be found in Y and Zrcontaining NiCrAl [62] and NiAl-type of alloys. Thus, ODS FeCrAl alloys are known to have good scale adhesion but no unequivocal experimental evidence exists for S gettering in these alloys. In principle, sulfur activity may still be decreased in ODS materials because of the low level of soluble Y in the metal in equilibrium with the dispersed oxide. An alternative explanation is that, the RE oxides in ODS alloys supply RE ions to the growing scale, which segregate to the metal-scale interface, thereby eliminating the driving force for S to segregate to that interface [28] .
In addition to segregating to intact metal-scale interfaces, another aspect of RE doping is a reduction in void formation at the metal-scale interface. In undoped alloys, it is typical to find large interfacial voids and large-area spallation when a Oxid Met (2016) 86:1- 43 5 thick scale forms during air oxidation of alumina-forming alloys [64] . RE segregation affects surface energy thereby inhibiting interfacial void growth by reducing the driving force for the void to grow [65] . It could also be argued that the change in growth mechanism also inhibits interfacial void formation and thereby improves scale adhesion [36, 66] . Outward cation transport in undoped scales results in an opposite vacancy flux. Vacancy accumulation at the metal-scale interface promotes interfacial void formation. However, since a change in alumina growth mechanism is achieved by RE doping, which also dopes the metal-scale interface (and potentially getters S), it is difficult to determine how much the change in growth mechanism alone contributes to the improvement in scale adhesion. Previous observations of finer-grained scales on RE-doped alloys led to the early ''plasticity'' hypothesis that scales formed on RE-doped alloys were more adherent because they could plastically accommodate growth and thermal stresses [67] . Interestingly, more recent work on alumina scales [68] and bulk alumina [69] showed RE-doped alumina to be more creep-resistant-the opposite of the plasticity argument [67] .
One of the difficulties in quantifying the RE effect on scale adhesion is that it is difficult to specify interface energies or even critical scale thicknesses at failure/ spallation. A pragmatic method to quantify the RE benefit is determining the alloy lifetime or time to breakaway oxidation in a cyclic oxidation test where the specimen is thermally cycled to failure (i.e., breakaway oxidation). For an aluminaforming alloy e.g., of the FeCrAlY-type, the lifetime will be defined by the consumption of the Al reservoir [70] , which is a function of the alumina growth rate, the rate of scale spallation, the starting Al content, the critical Al content where alumina scale formation can no longer be retained, C B Al and the specimen thickness. Fig. 1 Time to breakaway oxidation (±10 % variations in specimen thickness were linearly normalized to a 1.5-mm specimen thickness) for oxide dispersed FeCrAl alloy specimens exposed in 1-h cycles at 1200°C in dry O 2 . Most of the oxide additions were made at 0.2 cation %, which resulted in overdoping for some elements as noted. Several commercial ODS alloys (PM2000, MA956), a non-doped FeCrAl and a wrought FeCrAlY alloy are shown for reference [31, 72] Thus, an alloy with poor scale adhesion will spall repeatedly and consume the Al reservoir quickly, resulting in a short lifetime. An alloy specimen with the same starting Al reservoir but excellent scale adhesion will consume the Al more slowly and have a longer lifetime. Poor scale adhesion also affects lifetime by increasing C B Al to *2.5 wt% compared to nearly zero for wrought FeCrAlY [71] and 1-1.5 wt% in ODS alloys [70, 71] . Comparing relative lifetimes also shows the negative effect of ''overdoping,'' as will be further discussed in ''Effect of Group IVa Elements on the Alumina Scale Microstructure'' section. Figure 1 shows examples of lifetimes after oxidation in 1 h cycles at 1200°C in dry O 2 of FeCrAl to which various oxide dispersions were added. The most effective additions contained REs with a large ion size and a high O affinity. For example, In, Te and Bi that do not form very stable oxides were ineffective dopants independent of their ion size. One issue with this comparison is that 0.2 cation % was used as a standard dopant addition, and this level was too high for a number of elements, including Hf, Sc, Yb, Ce, and Eu, resulting in high oxidation rates, convoluted oxides, and early failure times [31] . These specimens are labeled ''overdoped'' in Fig. 1 . However, when 0.05 cation % Hf was added (as an oxide), the lifetime increased to almost 3000, 1-h cycles. Because of the sensitivity to the amount of RE addition, it would be necessary to optimize the amount of each dopant to make a true comparison. A similar figure to Fig. 1 could be generated for alloy additions, where issues such as solubility in the alloy, RE-rich phase formation, internal oxidation, etc., would affect behavior. The differences between RE alloy additions and RE oxide dispersions are discussed in the next section.
Metallic RE Additions vs. Oxide Dispersions
As shown in Fig. 1 , many RE additions are effective in improving scale adhesion as oxide dispersions but are more conventionally introduced as alloy additions in metallic form. Both RE metallic and oxide additions provide similar benefits to adhesion as described above and induce similar changes to the scale microstructure (Fig. 2) . However, there are substantial differences in how the RE is incorporated into the alumina scale. In alloys and coatings with metallic RE additions, the RE is more mobile in the substrate and internal oxidation in the alloy adjacent to the reaction front occurs. These RE-rich internal oxides are usually much larger ([1 lm) than the oxides in ODS alloys (5-30 nm). In ODS alloys, the RE mobility is greatly reduced, especially for Y, where the solubility is low [73] and the oxide (Y-aluminate) dispersions [74] coarsen very slowly [75] .
For ODS alloys, the dispersion also increases the alloy creep strength, which affects the accommodation of residual stress. Weaker RE-containing wrought alloys deform (e.g., creep) to relax the thermally induced stresses in the alumina scale during cooling. Stronger ODS alloys are less able to accommodate these stresses [71, 76] . As a result, oxide scale spallation and the related Al-consumption rate from the component can be more extensive from ODS alloys, and the critical Al content for breakaway oxidation, which is correlated with the scale adherence [77] , is higher in the case of ODS than in wrought alloys of the same nominal composition. Thus, a Oxid Met (2016) 86:1- 43 7 comparison of the effectiveness of RE additions between conventional wrought and ODS alloys is not straightforward. Figure 1 shows that FeCrAlY had a substantially higher normalized lifetime (9053 h) than the commercial ODS FeCrAl alloy PM2000 (3506 h) because of the higher spallation from the latter (leading to a faster Al-consumption rate and higher values of C B Al ).
Practical Applications of RE's in Alumina-Forming Alloys and Coatings

Alloys
General Remarks
Typically, FeCrAl and NiCrAl alloys are designed to operate at temperatures above 800°C, although applications at lower temperatures have been recently considered [78, 79] . Commercial FeCrAl alloys have many applications including resistance heating elements, automobile catalyst substrates, gas-burner fiber-mats, recuperator tubes for heat treatment furnaces, and various non-load bearing components such as heat shields. In most applications of wrought FeCrAl-type alloys, components are not load bearing so their lifetime is limited not by mechanical (creep) strength but rather by the depletion of the component Al reservoir for the scale formation and regrowth in the case of repeated scale spallation during cyclic oxidation. ODS alumina-forming alloys possess useful creep strength at elevated temperatures, but typically are applied at loadings where creep is minimal (or negligible), so that the life-limiting factor also is the rate of Al consumption. Factors determining the growth rate and adherence of the alumina scale are therefore of primary importance for the oxidation-limited lifetime of FeCrAl components. RE effects in intermetallic alloys also have been widely studied, for example, in Ni and Fe aluminides. However, these intermetallic compounds are typically not available as commercial alloys. While these intermetallic alloys do provide an important avenue to study RE effects, they are somewhat outside of the scope of this paper. However, examples from intermetallics will be used as examples and NiAltype coatings will be briefly discussed.
A number of examples are provided for FeCrAl alloys. It is important to keep in mind that the results concerning RE incorporation into the oxide scale cannot be straightforwardly extrapolated to other alloy systems. A key consideration is that the solubility of RE's and impurities as well as the distribution of RE compounds are strongly affected by the alloy matrix type and processing route. For example, at 800°C, the solubility limit of Hf in ferrite [80] is much lower than that in NiAl and Ni 3 Al, the latter reportedly being as high as 8 at.% [81] .
The First-Order Importance of Thermal Expansion on Scale Adhesion
While ''Effect of RE's on Scale Adherence'' section described the role of RE additions and indigenous S on scale adhesion, it should be noted that the alloy coefficient of thermal expansion (CTE) dominates scale adhesion because of large stresses upon cooling from the oxidation temperature [82] [83] [84] . Figure 3 shows the mean CTE at 1200°C as a function of Al content for various alloys and intermetallics. The spallation criteria, even for a strong, defect-free interface is that when the strain energy in the scale (primarily from the CTE mismatch between alloy and the alumina scale) exceeds the strength of the interface, the scale will spall. The proposed effect of CTE on spallation can be quantified to a certain extent using an approximation [76] for the critical alumina scale thickness, n f , where spallation begins:
where DT is the change in temperature and Da is the CTE difference between metal and oxide. Thus, for high-temperature metallic materials, thermal expansion should be considered the most important parameter in controlling scale adhesion. Using the CTE values in Fig. 3 at 1200°C and assuming that the oxide and interface properties are constant, if n f is *10 lm for FeCrAlY, then it will be *1 lm for Fe40Al ? Hf and *2 lm for Fe-28Al ? Hf. Thus, spallation should begin much more quickly for the intermetallic Fe-Al phases [83] . Similar differences can be noted between NiCrAl and FeCrAl, and the difference between NiCrAl and NiAl will be discussed in the next section on coatings. It is quite remarkable that the CTE is relatively constant in Ni-Al intermetallics across a wide range of compositions.
Interactions of RE's with Alloy Impurities
As mentioned in ''Effect of RE's on Scale Adherence'' section, the effect of S on scale adhesion has been widely discussed for 30 years. In contrast, the role of carbon and its interaction with RE's has more recently started to be recognized. Carbon is a common minor constituent of high-temperature metallic materials. Many Fe, Ni, and Co-based chromia-and alumina-forming alloys are strengthened, in addition to other methods, by carbide precipitates, e.g., M 23 C 6 (M = Cr,Co) or MC (M = W,Ta,Ti). Carbon contents in stainless steels and polycrystalline Ni-base superalloys are typically in the range of 0.05-0.1 mass%. Even if high alloy creep strength is not required for material application, e.g., FeCrAlY alloys for resistance heating elements and automotive catalyst substrates, carbon is still present as an 86, 88] alloy impurity of typically 0.01 mass% [85] . Reduction of this residual carbon content to lower levels is technologically possible, but the processing steps would significantly increase the alloy cost. Figure 4 shows the amount of oxide spalled from model FeCrAl alloys with various RE and C contents during air oxidation lifetime tests with 100 h cycles at 1200°C. The alloy without RE additions exhibited extremely poor scale adherence resulting in a very short time to breakaway oxidation. The oxide scale adherence was improved by a Y addition of 0.05 wt% (0.29 at.%); however, between the two studied Y-containing alloys, a much shorter lifetime was measured for the material containing 0.05 wt% C than for the alloy with 0.009 wt% C. It was found [86] that in the high-carbon alloy, Cr-carbides were formed at the scale/metal interface ( Fig. 5) , which apparently enhanced scale spallation under thermal cyclic conditions. Furthermore, indications were found that the critical Al content at the onset of breakaway in the alloy with 0.05 % carbon was higher than that in the low C alloy. The amount of interfacial carbide formed strongly depended on the cooling rate from the oxidation temperature of 1200°C, because at that temperature, the carbides appeared to be unstable [86] . The significance of carbon impurity and cooling rate for alumina scale adherence was confirmed by Zhu et al. [87] who studied commercial FeCrAl samples during oxidation at 1000°C. The strongest scale spallation was observed at the intermediate cooling rates (5, 10 and 30 K/min), whereas at 1 and 100 K/min the amount of spallation was less. These observations were explained as superimposed effects of the interfacial chromium carbide formation and relaxation of stresses by alloy substrate creep during cooling.
From Fig. 4 , it is evident that minor additions of Ti and Zr substantially improved the oxide scale adherence on the alloy with low (90 ppmw) carbon. Adding these elements suppressed the interfacial Cr-carbide formation, by precipitating fine dispersions of TiC and ZrC, respectively, in the alloy matrix. The positive effect of Ti additions on oxide scale adherence was observed much earlier in ODS FeCrAl alloys (Fig. 6 ) [89] as well as in cast NiCrAlY model alloys [90] . The gettering of carbon by Ti or Zr is not only beneficial from the viewpoint of cyclic oxidation resistance but also greatly facilitates the manufacturing of the alloy into semi-finished products, since Cr-carbide formation at the alloy grain boundaries is well known to cause tearing of FeCrAl alloy sheets during hot rolling [91] . The positive effect of carbide stabilizers on oxide scale adherence and alloy ductility is the reason why many commercial FeCrAlY alloys are co-doped, i.e., in addition to REs from the IIIa group (Y, La, Ce) they commonly contain minor amounts of strong carbide-forming elements, typically those from the IVa group (Ti, Zr, or Hf). Figure 7 shows another application of this impurity gettering concept, this time for Fe *17 at.% Al-base alloys with only *30 wt. ppm C. (For 17 at.% Al, the CTE remains similar to FeCrAl and good scale adhesion was expected, Fig. 3 ). Similar to Fig. 4 , the base alloy with only Y experienced breakaway oxidation relatively quickly compared to the alloy with only Hf (despite the much higher S content in the latter). The addition of 10 %Cr further reduced the lifetime, despite the potential for a third element benefit to lower the critical Al content at failure [18] . In agreement with the earlier work on FeCrAlY-type alloys [88] , co-doping with Ti and Hf resulted in much longer lifetimes.
A final point about RE-C interactions is a case study of Fe-40Al, which was developed for commercial applications such as heating elements. Previously it was shown that modifying the Zr/C ratio in Fe-40Al significantly changed the time to breakaway oxidation at 1200°C in 1 h cycles [92] . That result is shown as triangles in Fig. 8a . Subsequent work modifying the Hf/C ratio showed similar results where the beneficial effect of Hf in increasing the 1200°C lifetime could be significantly reduced by adding both Hf (0.05 at.%) and C (0.21 at.%), thereby reducing the Hf/C ratio \1. Thus, the interaction of C with Zr and Hf was similar, and higher C levels reduced the RE benefit of increasing the time to breakaway at 1200°C.
Another interpretation of these results is that the alloy without carbides is weaker and thus better able to accommodate thermally induced stresses in the oxide scale [77] . In the original study [92] , it was also noted that changing the Zr/C ratio did not significantly affect the 1000°C compressive yield stress for these materials (compression testing was used as a quick assessment of the high-temperature alloy strength), Fig. 8b . One complication of the original study was the presence of 0.2 at.% Mo in the Zr-doped alloys, which changed the 1000°C yield stress from *14.4 to *17. ) as a function of lifetime in 1 h cycles at 1200°C in dry O 2 (normalized to 1.5-mm-thick specimen) for various Fe-40Al alloys. While there is little correspondence between lifetime and yield stress, a correlation was found between the RE/C ratio and lifetime for Fe-40Al doped with Zr or Hf. A high Hf content (0.3 at.%) alloy increased the yield strength without Mo but reduced the lifetime compared to typical 0.05 % RE additions in the other alloys (some data from [92] Oxid Met (2016) 86:1- 43 13 observations in NiAl [93] . However, the increased Hf internal oxidation reduced the lifetime by 50 %, similar to observations in NiAl-single crystals [94] . In summary, the RE/C ratio showed a strong correlation with lifetime while the yield strength did not.
Effect of Group IVa Elements on the Alumina Scale Microstructure
Whereas the previous section showed that the addition of strong carbide-forming elements such as Ti, Zr, and Hf to FeCrAlY and various Fe-aluminides substantially affected alumina scale adherence, these additions were also found to affect oxide scale morphology. The way in which this change occurs depends on the form these elements take in the alloy, i.e., dissolved in the alloy matrix or tied up in carbides and/or nitrides [95] . Due to their high oxygen affinity and mobility in the FeCrAl alloy matrix, Zr and Hf were found to become enriched at the oxide surface in the initial stages of oxidation, thus suppressing Y-oxide formation at the surface. During longer exposure times, the incorporation of Zr and Hf into the alumina scale occurred in the form of internal oxide precipitates. The precipitate morphology and distribution are determined by competition of their nucleation and growth, therefore being dependent on oxidation temperature, the Zr (or Hf) reservoir, and mobility in the alloy. Upon incorporation into the alumina scale, ZrO 2 precipitates decrease the alumina grain size and provide solid-state diffusion paths for rapid oxygen transport as well as through the associated porosity, increasing the alumina scale growth rate [95] . The mechanism of Hf incorporation into the scale was found to be similar to that of Zr; however, the Hf internal oxidation and incorporation into the scale occurred at a slower rate. This might be related to the lower Hf content in the material and/or to a slower Hf mobility in the FeCrAl alloy matrix than that of Zr [95] . The incorporation of Hf-rich oxide particles into the alumina scale did not accelerate the scale growth rate as much as ZrO 2 incorporation (Fig. 9) . Moreover, the scale growth rate on the Y and Hf co-doped alloy was even smaller than that on the Hf-free, Y-doped alloy. Again, part of the difference between Zr and Hf can be due to the higher Zr addition (0.017 at.%) compared to Hf (0.009 at.%). Contrary to the observations for Hf and Zr, only minor Ti incorporation into the alumina scale was detected and consequently no significant effect of this element on the scale microstructure was observed. Due to its lower thermodynamic stability than alumina, internal oxidation of Ti as TiO 2 is not possible, thus the incorporation of internal oxide precipitates as found for Zr and Hf will not occur. However, Ti rapidly diffuses from the alloy into the alumina scale and due to relatively small Tiion size (Fig. 1) , becomes enriched at the gas interface [31, 96, 97] .
The Ti incorporation process changes if the alloy contains substantial amounts of C and/or N, because it will be present in the alloy mainly in the form of carbides and nitrides [98] . With an inward growing RE-doped alumina scale, like that found on ODS FeCrAl alloy (e.g., MA956 or PM2000), the *200-300-nm Ti (carbo)nitride particles became embedded in the scale as the alloy was consumed. Initially, this Ti incorporation into the scale does not appear to have any detrimental effect. However, at longer times, the Ti (carbo)nitrides within the scale oxidize due to the locally higher oxygen activity. The resulting microcracks lead to a faster scale growth rate due to enhanced molecular oxygen transport (Fig. 10) . The time period required to initiate this effect decreases with increasing scale thickening rate, i.e., increasing oxidation temperature. For a component with a wall thickness of 0.5-1 mm during exposure at 1200°C, the enhanced oxidation rates induced by the Ti (carbo)nitrides can typically lead to a reduction in lifetime limited by the consumption of the component Al reservoir by a factor of two [98] .
Similar effects also were observed for Hf and Zr carbide precipitates in the wrought FeCrAlY alloy Aluchrom YHf [99] . During scale thickening, these precipitates also oxidize in the scale. It was speculated that this reaction produced gaseous products, such as CO, which can develop locally high pressures sufficient to cause (micro)cracking and/or pore formation within the oxide scale (Fig. 11) .
Two important comments must be made when discussing the effect of carbide and/or nitride precipitates of Group IVa elements on the oxidation resistance of alumina-forming ODS alloys. In spite of the enhanced growth rate observed, the resulting micro-porous alumina scales exhibited better adherence compared to the dense, thinner oxide scales formed on purer materials with less C and/or N. A possible reason for this effect could be an increased strain tolerance due to the presence of in-scale defects, which, for example, can hinder propagation of vertical cracks-a pre-requisite of oxide scale spallation by the ''wedging mechanism'' [100] . A second important point is that the oxides of Zr and Hf are thermodynamically stable in the alloy under the alumina scale, so that during long-term exposure, it can be expected that the Zr (or Hf) carbide/nitride will be transformed into oxides. The likely consequences are (1) the liberated C may form Cr-carbides with the associated adverse effects on scale adhesion described before and (2) the b Fig. 10 a Backscattered electron SEM image of Ti-rich precipitates in the alumina scale formed on ODS FeCrAl alloy PM2000 after 10 9 100 h (cyclic test) at 1200°C in air and b schematic of (carbo)nitride incorporation in inwardly growing oxide scale and subsequent oxidation to Ti-rich oxides [98] incorporation of Zr and Hf as oxide precipitates, the modeling of which will be discussed in ''Internal Oxidation and Depletion of RE's'' section. Consequently, since Ti nitrides/carbides will not internally oxidize, Ti may be a more effective long-term C getter than Hf and Zr.
RE-Concentration and Reservoir
Early in the study of RE effects in alumina-forming alloys, Stringer and co-workers found that increasing Hf content in CoCrAl alloys [3] initially resulted in a decrease of the oxidation rate with increasing Hf content. However, still higher Hf-contents resulted in a faster reaction rate. In later studies with MCrAlY-type alloys as well as NiAl [27, 101] , the effect was attributed to overdoping, i.e., excessive RE incorporation into the scale and/or RE internal oxidation. Consequently, a number of studies were performed [27] to optimize the RE additions for a particular alloy or alloy system in order to minimize the oxidation rate. The slowest rate constant was found with a very low level of Y (20 ppma, but maintaining the Y/S [1) and Hf (180 ppma with Hf/C [1) thereby minimizing any internal oxidation. A significant advancement in understanding RE optimization came from studies that identified the RE reservoir as a key aspect of long-term performance. The first detailed study of the RE reservoir used Zr-doped FeCrAlY alloys [40] . By varying the specimen thickness (Fig. 12) , it could be shown that the Zr incorporation into the alumina scale, which affects the scale growth rate (see ''Effect of Group IVa Elements on the Alumina Scale Microstructure'' section), can rapidly deplete the [99] alloy of its Zr reservoir. After Zr had become depleted from the alloy (the exact time of depletion depending on the specimen thickness and the exposure temperature), the microstructure of the subsequently formed alumina resembled that of the Zr-free alloy, featuring large columnar grains (Fig. 13 ). An important consequence of this study is that the RE reservoir is determined by both the RE content and component (or coating) thickness. Therefore, for the same alloy, there may be a different optimum RE content between thick and thin components.
Based on the RE reservoir model, a series of FeCrAlY alloys with different Y contents were cast and cycled with 1-h cycles at 1200°C in dry flowing O 2 to breakaway oxidation. Figure 14 shows the time to breakaway normalized by the starting specimen thickness for 4-7 specimens with thicknesses ranging from 0.5 to 2 mm. While 1170 at. ppm Y produced some of the highest normalized lifetimes, there was no clear optimum Y value. The first two FeCrAlY alloys with low Y levels showed the lowest lifetimes, consistent with the reservoir model. (The alloy with only 350 at. ppm Y was rolled to sheet so only one thickness was available.) However, a third alloy with a similar composition was inadvertently cast and showed higher lifetimes, similar to higher Y levels. The only difference between this later alloy and the alloy with 20 and 70 ppma, respectively, was slightly lower C and N levels (10 and \10 ppma, respectively). These small differences would not be expected to have such a significant effect on lifetime.
Among the alloys shown in Fig. 14 , the lowest oxidation rate was exhibited by the alloy with 20 at. ppm Y ? 180 at. ppm Hf [27] . However, this alloy did not exhibit the longest lifetime. Similar lifetimes were obtained for the FeCrAlY with 1170 at. ppm Y and a higher lifetime was obtained from the alloy with 30 at. ppm Y ? 350 at. ppm Hf (the Y ? Hf alloys were not tested at all thicknesses). Several factors, including the RE reservoir, could explain this behavior. Another possibility is a positive effect of micro-porosity induced by incorporation of hafnia precipitates on the scale adherence as discussed in ''Effect of Group IVa Elements on the Alumina Scale Microstructure'' section.
Whereas in most applications, the optimum RE reservoir aims to obtain the lowest alumina scale growth rate or longest lifetime, in some applications for FeCrAl alloys, such as for resistance heating elements, other factors are more important. As shown by Gopalakrishnan et al. [102] , the thermal emissivity coefficient was significantly higher in the case of the alumina scales formed on FeCrAlYZr alloys, which contain zirconia precipitates and have an irregular oxide/ metal interface compared to a Zr-free, Y-doped alloy forms a flatter interface. High thermal emissivity allows a significant increase in the usable thermal power output at a given electrical power input. Alternatively, for a given thermal output, a lower operating temperature of the heating element would be required, resulting in a considerable extension of the lifetime (governed by the Al-depletion from the component). The positive effect of the Zr addition on the emissivity, however, tends to disappear after the Zr becomes depleted from the alloy with the resulting flattening of the scale/metal interface ( Fig. 15 and references [40, 103] ). This depletion obviously occurs more rapidly in thin than in thick heating element foils were cycled to breakaway oxidation and the specific data points for several thicknesses are shown. While two alloys with low Y contents showed short lifetimes for thicker specimens, this result could not be repeated in a third casting. Long lifetimes were achieved with a co-doped FeCrAlYHf alloy and wires. For these very thin components, typically 50 lm foils, an extension of lifetime in resistance heating applications can thus be obtained with Zr contents as high as 0.2 wt%, which is a factor of *10 higher Zr content than typically considered to be optimum for thick components [104] .
Modeling Oxide Growth Kinetics on RE-Doped FeCrAl Alloys
Recent advances in surface analytical techniques as well as computer-assisted data evaluation have allowed more accurate description of the oxidation kinetics of alumina formers. In earlier studies on ODS FeCrAl alloys, it was found that alumina scales were highly textured and featured a columnar grain morphology [41, 42, 105, 106] . Using scale fracture surfaces, a linear dependence of alumina grain size on the distance from the scale/gas interface was derived [105] . More recently, quantitative analysis of alumina grain size as a function of time on wrought FeCrAlY revealed [107] that for the same distance from the oxide/gas interface, there appeared to be [104] no effect of the exposure time on the grain size up to 2000 h during air oxidation at 1200°C (Fig. 16) . The reason for the observed alumina microstructure was thought to be the prevailing scale growth mechanism, i.e., mainly grain boundary oxygen diffusion in combination with competitive growth of the columnar alumina grains. This evolution of the scale microstructure is manifested in a preferential crystallographic orientation of the columnar grains with respect to the scale growth direction, as evidenced by electron backscattered diffraction (EBSD) analysis [40, 107] . A result of the observed alumina scale microstructure is a mixed paraboliccubic growth rate of the alumina scales on FeCrAlY according to the following equation:
where x is the scale thickness, a and r 0 are parameters describing the alumina grain size dependence on the distance from the oxide/gas interface (compare with Fig. 16b ), t is the exposure time, and C is a constant incorporating the temperaturedependent oxygen grain boundary diffusivity and chemical potential gradient across the scale. The exact form of Eq. (2) may change depending on the assumed chemical potential gradient drop across the scale [108] . The growth kinetics of alumina scales on Y-doped FeCrAl alloys can be described by a power law time dependence, x~kÁt n , where n is frequently found to be *0.35. One of the implications of Eq. (2) is that fitting the isothermal oxidation kinetics data of alumina forming, RE-doped alloys, e.g., a thermogravimetric curve using a power law with a constant n-value is possible with reasonable accuracy over quite long times, but is strictly speaking not correct. Rather, the value of the power law exponent n becomes time dependent; starting with a value of 0.5, it asymptotically decreases to lower values and finally approaches 0.33 after very long exposure times, which would correspond to ideal cubic kinetics [107] . If the development of the alumina scale microstructure is taken into account, Eq. (2) allows prediction of the scaling kinetics up to several thousands of hours on the basis of data derived from relatively short test times of only a few hours. Thus, this Fig. 16 a SEM secondary electron image with in-lens detector of alumina scales formed on FeCrAlY alloy after air oxidation at 1200°C for 2000 h; b grain size r as function of distance from scale/gas interface x, in the form of r(x) = r 0 ? ax determined from SEM images similar to a for FeCrAlY oxidized for different times at 1200 and 1250°C [107] Oxid Met (2016) 86:1- 43 21 approach allows a more accurate description of the oxidation kinetics than that with a constant n-value (Fig. 17) . A more accurate description of oxide growth kinetics in turn allows a more accurate prediction of the oxidation-limited lifetime i.e., time to breakaway oxidation for thin, high-temperature, FeCrAl components where scale spallation is limited. Recently, Smialek et al. [109] correlated the scale growth kinetics with alumina grain size at the scale/metal interface using a model assuming oxygen partial pressure-dependent oxygen grain boundary diffusion. An evaluation was performed for a number of FeCrAl-type alloys using experimental results along with the available literature data. Good agreement was observed between the temperaturedependent interfacial oxygen grain boundary diffusivities calculated from the various material datasets and the approach was extended to other alloy systems (e.g., alumina-forming MAX phases like Ti 2 AlC) [110, 111] .
Internal Oxidation and Depletion of RE's
The description of scaling kinetics shown in the previous section is applicable only in the case of an alloy forming an ideal, dense, adherent, and rather pure alumina scale not affected by RE overdoping. In contrast, in many commercial alloys codoped with Y and Zr (or Hf) and featuring a large RE reservoir, a different scale microstructure with RE-rich inclusions in the alumina is frequently encountered as described in ''Effect of Group IVa Elements on the Alumina Scale Microstructure'' section above. Therefore, understanding the kinetics of RE internal oxidation, incorporation into the alumina scale and depletion from the alloy are obviously of interest. Zr incorporation into the alumina scale on a Fe-20Cr-5Al-0.05Y-(0.03Zr) (wt%) alloy was characterized [103] , and it was observed that the Zr effect on scaling kinetics was strongly dependent on temperature. At 1200°C, the oxidation rate of the Zr-containing FeCrAlY was substantially faster than that of the Zr-free alloy with the same base composition (both 1 mm samples, Fig. 18a ). The effect (t) plots of TG data up to 90 h; power law time dependence with constant n; sub-parabolic time dependence according to Eq. (2) [107] (''Effect of Group IVa Elements on the Alumina Scale Microstructure'' section) was attributed to the more-or-less continuous rapid O diffusion pathways afforded by the thread-like ZrO 2 particles in the alumina scale. The particle shapes were attributed to the continued growth of zirconia at the scale-alloy interface, coupled with the limited coarsening of the particles already embedded within the scale (Fig. 19) . The high ZrO 2 volume fraction reflects strong enrichment resulting from rapid diffusion of zirconium from the substrate alloy. This in turn was attributed to the very low oxygen solubility in the alloy together with relatively fast substitutional diffusion of Zr in the alloy. In contrast, at 1300°C, the scaling kinetics were similar between the Zr-containing and Zr-free alloys (Fig. 18b) , and a different zirconia precipitate morphology was observed to that at 1200°C, namely equiaxed discrete particles (Fig. 19b) . This was taken to be an indication that the ratio of oxygen to Zr flux increased at 1300°C compared to 1200°C to the extent that internal oxidation of Zr occurred underneath the scale during exposure at 1300°C (Fig. 20) . This assumption was confirmed by calculations of depth of internal Zr oxidation x i , which showed an increase as a function of temperature [103] . Furthermore, an approximate diffusion calculation for the rate of Zr depletion from a thin alloy sheet achieved semi-quantitative agreement with the observation of total depletion at 1300°C, but not at 1200°C where two-phase scale growth continued. When the alloy became depleted in Zr at 1300°C, new scale formed at the scale/metal interface without ZrO 2 , thus the rate slowed because there was no pathway for rapid oxygen transport. At 1200°C, the alloy was not completely depleted in Zr and the faster rate continued. Thus, the differences in scale microstructures on the Zrcontaining alloy in Fig. 19 can explain why the instantaneous rate of oxidation after longer exposure times (more than *50 h) was higher for the Zr-containing FeCrAl at 1200°C but not at 1300°C (compare Fig. 18a, b) .
Scale Formation in Low pO 2 Environments
With interest in using alumina-forming alloys in different environments, some research has explored the effect of different levels of pO 2 and how such changes in the environment affect the role of the RE. For example, alumina scale formation on a model Fe20Cr5Al-0.05Y (wt%) alloy was studied in Ar-4 % H 2 -7 % H 2 O and compared to the behavior in Ar-20 % O 2 [108] . Two-stage oxidation experiments using oxygen tracers revealed that in both atmospheres the scales grew mainly by short-circuit oxygen transport, although the scale growth mechanisms were not identical. In both atmospheres, the scales possessed a columnar microstructure and the lateral grain size was found to be very similar, exhibiting an approximately linear function of the distance from the scale/gas interface (Fig. 21a, b) . The FeCrAlY oxidation rates were found to be slower in the low pO 2 , Ar-H 2 -H 2 O gas than in Ar-O 2 . This could be attributed to the lower oxygen partial pressure in the former atmosphere and the consequently smaller gradient in oxygen chemical potential across the scale, in agreement with other studies in low pO 2 , H 2 O containing gases [112, 113] . A good correlation was observed between the oxidation kinetics measured by thermogravimetry and those calculated on the basis of scale growth controlled by oxygen grain boundary transport. Furthermore, the study [108] indicated that the oxygen grain boundary diffusivity in Ar-H 2 -H 2 O was slower than that in Ar-O 2 (Fig. 21c) Fig. 20 Schematic illustrating a the internal oxidation of Zr underneath an alumina scale observed at 1300°C and b simultaneous growth of the scale and zirconia particle inclusion, c continued growth of zirconia at scale-alloy interface at 1200°C (compare Fig. 19 ) [103] the oxygen may be transported via OH -or water molecules, a mechanism not available in dry, Ar-O 2 gas. A similar slower rate constant in Ar-H 2 -H 2 O compared to Ar-O 2 was found for Zr-doped FeCrAlY [103] . For the co-doped alloy, a much more rugged scale-alloy interface, internal Al 2 O 3 precipitation, and alloy occlusion into the scale were observed in Ar-H 2 -H 2 O.
The above results with high-purity wrought model alloys indicate that the alumina scale growth is affected by reducing pO 2 . However, Ramanarayanan et al. found no effect of O 2 partial pressure on the scale growth rate on the commercial ODS FeCrAl alloy MA956 in CO/CO 2 environments [114] . Moreover, no effect of H 2 O or pO 2 on scale growth rate or alumina scale microstructure was observed for ODS FeCrAl (PM2000) in air and air-H 2 O at 1100°C; or in air, Ar-50 % H 2 O, 100 % H 2 O, and 50 % H 2 O-50 %H 2 at 1200°C for commercial powder metallurgy FeCrAl alloy APMT [115] [116] [117] . At such high temperatures, the pO 2 in steam (or Ar-H 2 O) is much higher than in H 2 -H 2 O environments [118] . Nevertheless, further studies are needed to elucidate whether the form in which the RE is present in the alloy (oxide dispersion vs. metallic addition) or the nature of oxygen carrying species (O 2 , CO 2 , or H 2 O) affect the pO 2 -dependence of the alumina growth kinetics.
Coatings
General Remarks
An important application of RE-containing alumina formers are MCrAlY-type (M = Ni, Co) overlay or aluminide-type diffusion coatings for oxidation protection of Ni-base superalloy components in gas turbines for aircraft and power generation. For diffusion coatings, the coating composition is highly dependent on the composition of the alloy substrate with iron aluminides forming on steels, NiAl forming on Ni-base alloys, and mixed aluminides forming on austenitic steel or mixed Fe and Ni-containing substrates. For MCrAlY coatings, there are several important distinctions between these coatings and alloys. Typically, the RE content in MCrAlY coatings is substantially higher (3-100X) than in alloys, especially in thermally sprayed MCrAlY powders (typically 0.3-1 wt% Y). The manufacture of coatings is a multi-step process including a deposition process, diffusion heat treatment and surface treatment, which may affect the eventual RE-distribution in the coating. Diffusion aluminide coatings are formed by a variety of processes including slurries, pack cementation, and chemical vapor deposition. Coating deposition methods range from electron-beam physical vapor deposition (EB-PVD) to a variety of thermal spray processes including low pressure plasma spraying (LPPS), air-plasma spraying (APS), and high-velocity oxy-fuel (HVOF) spraying. Both diffusion and spray-coated components are commonly heattreated in vacuum or an inert environment to densify the coating and to optimize the microstructure of the base superalloy. Moreover for specific applications, e.g., when the coating is to be used as a bond coating for an EB-PVD ceramic top coating (e.g., Y 2 O 3 -stabilized ZrO 2 (YSZ)) in a thermal barrier coating (TBC) system, a smoothening of the surface is performed using, e.g., media finishing [119] .
The alumina scale, often termed the thermally grown oxide (TGO) by the coating industry, that forms at the interface between the bond coating and the ceramic top coating is critical to TBC performance and often is a weak link in this type of coating system. Sufficient delamination/spallation at that interface results in loss of the low thermal conductivity ceramic top coating. This is especially apparent in TBC systems made by EB-PVD where the interface is relatively flat. For APS YSZ with a MCrAlY bond coating, the interface is much rougher and while failure does not occur solely at the alumina scale interface, the oxidation of the bond coating still has a significant effect on coating performance. Many of the examples provided will focus on MCrAlY coatings, as they dominate the hot section components of landbased gas turbines. A key issue is that using RE dopants in coatings brings additional considerations such as the coating thickness and coating O content. A few examples are provided for aluminide diffusion coatings, which are used more selectively, and for cooler stages in the turbine.
Effect of Coating Oxygen Content
During thermal spraying of MCrAlY powders, some or all of the Y can be tied up in oxides depending on the processing technique. Alternatively, an intentional or unintentional oxygen impurity can be introduced during the gas atomization of the MCrAlY powders. Typical oxygen contents in MCrAlY bond coatings manufactured by LPPS are 200-500 wt. ppm [120] compare to more than 2000 wt. ppm for those made by HVOF [121] . As with the previous comparison of RE alloy additions and oxide dispersions, the mobility of the Y addition can be significantly affected by the presence of oxygen in the bond coating. This is illustrated in Fig. 22 , which shows oxide scale morphologies of free-standing MCrAl (Y ? Hf) coatings produced from the same powder and using the same LPPS spraying facility, but with two different oxygen pressures in the vacuum chamber. The two different oxygen contents had a substantial impact on the scale formation during oxidation at 1100°C in air. The coating with the high oxygen content, where the RE is tied up as RE-rich oxides and relatively immobile in the substrate, formed a thin alumina scale (Fig. 22a) . In contrast, the coating with the low oxygen content featured a much thicker oxide scale and extensive internal oxidation of the Y and Hf (Fig. 22b) . With 0.5 wt% Y and 0.3 wt% Hf and a low O content in the coating process, the 2-mmthick coating is effectively overdoped. It is important to note that the examples in Fig. 22 represent two extreme cases with respect to coating oxygen content. In production of coating systems, substantial variation of the oxygen content may occur depending on the coating method (LPPS, HVOF, or APS) as well as parameters used for particular spraying method. The variation of the oxygen content results in significant variations of the oxidation behavior, impacting the lifetime of nominally the same overlay coating. This issue becomes even more important when such a coating is used as a bond coating for a TBC system [122] .
Comparing lifetimes of EB-PVD and APS-TBC systems, furnace cycle tests revealed that an EB-PVD TBC system with a 200-lm-thick NiCoCrAlY bond coating with 0.3 wt% Y possessing an O content of 0.05 wt% had a lifetime five times that of a similar TBC system with an O content of 0.2 % in the bond coating, Fig. 23a . Both EB-PVD TBC systems failed through crack propagation at the alumina/MCrAlY interface (Fig. 24) . The alumina scale for the high O coating was a factor of two thinner at failure because of the shorter TBC lifetime. However, the high O content tied up the Y in the coating and appeared to suppress its positive effect on scale adhesion, which is critical for the flat interface typically achieved with an EB-PVD top coating.
In the EB-PVD case, the low O content coating did not experience significant internal oxidation and the TBC lifetime was 5X longer, Fig. 23a . Thus, the optimum RE level in a coating appears to be significantly affected by the coating O content.
In contrast to the EB-TBC system, Fig. 23b shows that similar lifetimes were measured for APS-TBC coatings using MCrAlY bond coatings with the same range of oxygen contents. Figure 25 shows similar alumina scale thickness and morphologies at failure for the high and low O content MCrAlY bond coatings. These observations demonstrate that, with a rough MCrAlY-alumina interface, the lifetime of APS-TBC systems is not primarily governed by the adherence of the alumina layer on the MCrAlY bond coat but by the rate of crack propagation through the ceramic top coat and within the thermally grown oxide (TGO) [122] . Consequently the reduced mobility of Y in the high O content bond coating appeared to have no clear detrimental effect on the APS-TBC lifetime. 
Effect of Coating Thickness
Analogous to the Zr-doped FeCrAlY alloys discussed in ''RE-Concentration and Reservoir'' section, a dependence of the oxidation rate on coating thickness was observed in NiCoCrAlY overlay coatings. The scale thickening kinetics of a freestanding LPPS NiCoCrAlY coating were reported [124] to increase significantly when the specimen thickness was increased from 0.15 to 2 mm (Fig. 26) . This result suggests that for coatings, the optimum RE level is also affected by the coating thickness. Thus, the thickest coating was effectively overdoped because the total Y reservoir in the free-standing specimen was more than needed. As the Y diffused from the substrate to the higher oxygen potential at the reaction front, a more extensive formation of Y-rich oxide pegs and Y-oxide precipitates in the scale formed in the case of the thicker coating.
Nijdam et al. [125] studied and modeled the oxidation of free-standing NiCoCrAlY coatings manufactured by EB-PVD and cast model alloys. An interesting observation was that the amount of Y-rich oxide pegs was larger in the case of EB-PVD coatings than in the cast alloys. This was attributed to a finer microstructure of the former material, which provided a larger number of shortcircuit paths for Y-diffusion toward the specimen surface.
Recognizing that the optimum RE content for a coating is dependent on the coating thickness represents a challenge in that the thickness of thermally sprayed coatings varies substantially over the surface of a large turbine hot section component with a complex shape. A coating with a nominal thickness of 200 lm may easily feature a variation of actual thickness between 150 and 250 lm while still being fully within the manufacturer's coating specification.
Effect of MCrAlY Coating Roughness
As discussed above, MCrAlY coatings are commonly used with as-sprayed rough surfaces depending on the application. Varying the roughness resulted in another important effect associated with the local RE reservoir [126] , namely inhomogeneous RE incorporation into the oxide scale. The oxide scale formed on the ''hills'' of the rough coating surface was shown to be thin, relatively pure alumina, whereas in the ''valleys'' of the same specimen, the scale contained higher amounts of Y-rich oxide pegs, Figs. 27 and 28. This observation was attributed to faster Y-depletion in the hill regions exhibiting a locally higher surface to volume ratio as compared to the valley regions. During longer exposure times the bulk coating substrate supplied Y to the valleys, because of a shorter diffusion path as compared to the ''hills.'' This finding implies that on rough, Y-doped MCrAlY coating surfaces intrinsically more inhomogeneous alumina scales are likely to form compared to flat specimens of the same composition. As will be discussed in the next section, inhomogeneous RE-oxidation on rough surfaces is also observed after the vacuum heat treatment applied after the spraying process, i.e., prior to component service, Fig. 28a .
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Effect of Co-Doped MCrAlY Bond Coat on TBC Lifetime
For EB-PVD TBC systems, it was found [127] that coating lifetime (i.e., time to spallation of the YSZ top coating) could be extended with a Zr addition to the MCrAlY bond coating (Fig. 29) . The Zr addition promoted the formation of inwardly growing, inhomogeneous alumina scales thereby shifting the failure (cracking) initiation site from the flat oxide scale/bond coating interface without Zr to locations within the scale and at the TBC/scale interface (Fig. 30) . The crack propagation over the latter paths was apparently a much slower process compared to the rapid crack growth at the flat interface without Zr. Similar benefits of intrusions and non-flat oxide/metal interfaces have been observed in other studies [128, 129] .
Interestingly, the magnitude of the EB-PVD TBC lifetime extension by the Y ? Zr co-doping was found to depend not only on the ''free RE'' reservoir but also on the cycle frequency, which determined the crack growth rate (Fig. 29) [127] . Crack growth and linking processes were enhanced under the conditions of the more frequent ''cyclic'' oxidation (i.e., 2 h cycles). In contrast, in the TBC systems with the Zr-free bond coating, the lifetime was not significantly affected by the variation of the cycle frequency (Fig. 29) , because failure occurred at a given critical alumina scale thickness, which was independent of the cycle frequency. The relationships among the scale formation, crack growth, and cycle frequency for EB-PVD TBC systems with Y-and Y ? Zr-doped bond coatings are depicted schematically in Fig. 31 .
In contrast, for an APS YSZ system, an adverse effect of a Zr addition to a MCrAlY bond coating on lifetime was found ( Fig. 32 ; [122, 130] ). As described in ''Effect of MCrAlY Coating Roughness'' section, on rough surfaces the RE additions tend to become oxidized preferentially in the valleys. Fast oxidation in the Figure 33 illustrates schematically the effects of the free RE reservoir (and the O content in the coating as one of the parameters determining the reservoir) on the [126] lifetime of TBC systems with YSZ deposited by either APS or EB-PVD. For EB-PVD TBC systems with an MCrAlY bond coating, the lifetime was limited by crack propagation at the alumina scale/bond coating interface or within the scale and thus an optimum RE reservoir for achieving extended TBC lifetime exists. In contrast, in the APS-TBC system, lifetime correlated with the rate of crack propagation in the ceramic topcoat and the alumina scale adherence was of less importance. It may be speculated that for the APS YSZ with an optimized bond coating surface roughness and YSZ microstructure, the bond coating RE additions play only a minor role in TBC lifetime. In contrast, for APS-TBC systems with relatively flat bond coat surfaces, such as those sprayed using HVOF, optimized RE doping might still be necessary. For example, it was found that the APS YSZ systems with YHfSi codoped HVOF MCrAlY bond coatings consistently outperformed MCrAlY bond coatings with similar Co, Cr, and Al contents [133] . Further studies are necessary to establish a correlation between the optimum bond coating roughness and RE reservoir. As mentioned previously, diffusion coatings are much more dependent on the substrate chemistry than thermally sprayed coatings, as the substrate elements diffuse into the coating during fabrication, typically at [1000°C in a pack cementation or chemical vapor deposition process. Therefore, the same RE doping issues described above also are expected to influence NiAl coating performance on superalloys. Intentional RE doping during the CVD coating process has been studied but not yet commercialized due to problems with reproducibility and uniformity of doping in large-scale processes [134] . The most well-known method to improve aluminide coating performance (i.e., improve scale adhesion and YSZ lifetime) is incorporating Pt in these coatings [135] . In addition, Hf and Y in the superalloy have been shown to have positive effects on coating performance and, as [122] in bulk alloys, S has a negative effect that can be somewhat mitigated by Pt [45] . Since most 2nd generation single crystal (SX) superalloys contain Hf and low S levels, these benefits are inherent in most of the data published on aluminide coatings, as this generation of superalloys was being deployed at about the same time that TBC usage became ubiquitous in commercial turbines. When RE and impurity (S, C) interactions were studied in more detail, subtle effects could be found based on the Hf/C and Y/S ratios in the superalloy, similar to observations in uncoated substrates. Figure 34 shows differences in the coating ''rumpling'' [136] behavior with very minor changes in the substrate chemistry, which varied the Hf/C and Y/S ratios. A subsequent study showed that intentional variations in the Hf and C contents in the superalloy to vary the Hf/C ratio could alter the coating performance [137] . As was shown earlier with NiAl model alloys [138] , low Hf/C ratios decreased the beneficial effect of Hf on coating performance since Hf was tied up as carbides in the alloy, whereas high Hf/C alloys showed the best coating performance in terms of scale adhesion and minimal rumpling. As noted previously, studies of the mechanical properties of scales using synchrotron radiation confirmed that Hf in the alumina scale improved its creep strength [68, 139] , which likely helped inhibit rumpling. When fabricating aluminide coatings on superalloys, these alloys typically have low indigenous S levels and the RE-S interaction is not as apparent. Also, Pt has been found to mitigate the detrimental S effect. The RE-S interaction was more significant in a recent study of simple aluminide coatings on alloy X [140] . The initial goal of the work was to study the cyclic oxidation performance of a simple CVD aluminide coating on alloy X (47 % Ni-25 % Cr-19 % Fe-6 % Mo) with and without a 0.3 at.% (0.9 wt%) Hf alloy addition. However, the initial comparison in Fig. 35 was complicated by the ''high'' (11ppma) S content in the X ? Hf alloy compared to the commercial X alloy (\3 ppma). At 1150°C, the alumina scale on coated X ? Hf specimen spalled significantly and gained mass due to the formation of Cr 2 O 3 after only 100, 1-h cycles, suggesting that the higher S content overwhelmed any benefit of the Hf addition. A second alloy with low levels of Hf (Hf/C = 0.03) and Y (Y/S = 0.4) and coatings on this substrate also performed poorly, Fig. 35 . A third alloy with 0.2 % Hf (Hf/C = 0.7) and Y/S ratio closer to 1 (0.9, where [1 is ideal) finally achieved the expected RE benefit. These results illustrate that aluminized substrates operate similarly to uncoated alumina-forming alloys. In particular, Hf (or Zr) alone is not able to mitigate the detrimental role of S [26] , but Y additions need to be added such that the Y/S ratio is C1, as originally suggested by Sigler [62, 63] .
RE additions also affect the performance of c ? c 0 coatings [141] [142] [143] and this issue is currently being investigated. Most studies look at the performance of c ? c 0 coatings on the second generation SX superalloys with 0.03-0.06 % Hf and low S levels. Initial work has shown that c ? c 0 coatings perform poorly on directionally Fig. 35 Specimen mass changes for CVD aluminized alloy X variations during 1 h cycles in dry O 2 at a 1100°C and b 1150°C [140] solidified superalloys with 0.3-0.5 at.% Hf because of Hf internal oxidation as well as on first generation SX superalloys which may not contain Hf and tend to have higher Ti levels which become incorporated into the c ? c 0 coating [144] .
Aluminide Coating Performance on Fe-Base Alloys
Similar sensitivities to substrate composition on coating performance can be encountered for Fe-base alloys. However, typical Fe-Cr or austenitic structural steels generally do not operate above *650°C, so RE and S additions are not likely to substantially affect the coating performance and interdiffusion determines coating lifetime in many cases [145] . One study was performed where the goal was to generate an a-Al 2 O 3 scale to act as a hydrogen permeation barrier at temperatures below 700°C [146, 147] . A similar strategy was used as was described in the previous section for alloy X. Additions of Hf and Hf ? Ti were made to type 316 stainless steel (65at.% Fe-9 % Ni-20 % Cr-2 % Mo). Coupons were then CVD aluminized and oxidized for 2 h at 1050°C to ensure the formation of an a-Al 2 O 3 scale [148] . Figure 36 shows that two alloys with *50ppma S did not form adherent alumina. A third alloy with a Y/S ratio of 1.2 exhibited significantly improved alumina scale adhesion-a very similar result to the Ni-Al coatings described in ''Aluminide Coating Performance on Fe-Base Alloys'' section.
Concluding Remarks and Outlook
Today, 71 years since the 2nd Pfeil patent on RE additions and almost 80 years since the first patent [23, 24] , what John Stringer referred to as ''magic dust'' is ubiquitous in high-temperature alumina-forming alloys and coatings and the . Bare metal appears bright in these images (arrow) beneficial effect of REs is fundamental to their deployment in industrial applications. However, a simple description of the benefits of RE additions remains somewhat elusive as these effects can be achieved through many different elements incorporated by alloying, oxide dispersions, and surface deposits, and their effect on alumina scale growth and adhesion involves interfacial, diffusion, mechanical, and chemical potential aspects, which are difficult to describe quantitatively. The Whittle and Stringer review in 1980 [4] was followed by a *15-year period of intense research on RE effects. The understanding developed prompted the suggestion of a basic framework [26] , which sought to explain the broad array of experimental observations based on interfacial segregation and the diffusion of RE ions from the substrate through the scale during oxidation. This framework has greatly facilitated further progress in understanding the RE effect and approaches for optimizing these benefits. No contradictory information or alternative interpretation has emerged during this period. Instead, for the past 20 years, progress in understanding the RE effect has focused on optimizing these benefits for both alloys and especially coatings. This time period corresponded with the wide spread adoption of thermal barrier coatings on all sizes of turbines [1 MW, which rely on alumina scale adhesion for durability.
This review has highlighted recent activities involving implementation of the beneficial effects possible from RE additions in alloys and coatings, such as coating thickness and processing methods. Some specific topics addressed were
• interactions with S, C, and N and their effect on the alumina scale growth rate and adherence; • how the RE ''reservoir'' affects the optimum dopant levels for both thick and thin alloy components and coatings as well as different oxidation temperatures • spray coating processing effects on the O content as well as the dopant distribution after heat treatment • sensitivity of diffusion M-Al coatings to RE additions and interstitial ratios • the different responses to RE additions in the bond coats for thermal barrier coatings made by EB-PVD and APS processes • the effect of environment on the growth and adhesion of RE-doped alumina scales
The work on RE optimization revealed that factors such as alloy CTE, component (and coating) thickness, and RE interactions with other elements are important aspects that need to be considered. These sometimes empirical features may, depending on application, overpower more intuitive interpretations of RE effects and complicate simple conclusions on the optimum RE-dopant type and content.
Since 1980, advances in analytical characterization equipment such as transmission electron microscopy, secondary ion mass spectroscopy, glow discharge optical emission spectroscopy, and atom probe tomography have elucidated and modified our understanding of the RE effect. This new information has provided an improved basis from which to model and more accurately describe the effects on alumina scale growth and internal oxidation processes. It is suggested that characterization and modeling will continue to impact the exploitation of RE benefits in the future, particularly via:
• studies on the atomic scale of grain boundary and interfacial segregation and diffusion phenomena • improved mechanistic understanding of the role of dopants on interfacial and mechanical properties as well as the thermodynamic and kinetic driving forces • detailed studies of the pO 2 dependence of alumina scales growth on various types of RE-doped alloys (ODS as well as metallic RE additions) depending on the nature of oxygen carrying species (e.g., CO 2 vs. H 2 O) • predictive models of the effects on alumina scale growth, microstructure, and internal oxidation that will define optimized compositions depending on component/coating thickness, processing method, and intended use temperature and environment Such advances will enable an optimization of these benefits for current and new applications with potentially new operating environments, thereby enabling applications with the highest level of performance.
